We review recent theoretical studies on ion diffusion in (Li 2 O) x (B 2 O 3 ) 1−x compounds and at the interfaces of Li 2 O:B 2 O 3 nanocomposite. The investigations were performed theoretically using DFT and HF/DFT hybrid methods with VASP and CRYSTAL codes. For the pure compound B 2 O 3 , it was theoretically confirmed that the low-pressure phase B 2 O 3 -I has space group P3 1 21. For the first time, the structure, stability and electronic properties of various low-index surfaces of trigonal B 2 O 3 -I were investigated at the same theoretical level. The (101) surface is the most stable among the considered surfaces. Ionic conductivity was investigated systematically in Li 2 O, LiBO 2 , and Li 2 B 4 O 7 solids and in Li 2 O:B 2 O 3 nanocomposites by calculating the activation energy (E A ) for cation diffusion. The Li + ion migrates in an almost straight line in Li 2 O bulk whereas it moves in a zig-zag pathway along a direction parallel to the surface plane in Li 2 O surfaces. For LiBO 2 , the migration along the c direction (E A = 0.55 eV) is slightly less preferable than that in the xy plane (E A = 0.43-0.54 eV). In Li 2 B 4 O 7 , the Li + ion migrates through the large triangular faces of the two nearest oxygen five-vertex polyhedra facing each other where E A is in the range of 0.27-0.37 eV. A two-dimensional model system of the Li 2 O:B 2 O 3 interface region was created by the combination of supercells of the Li 2 O (111) surface and the B 2 O 3 (001) surface. It was found that the interface region of the Li 2 O:B 2 O 3 nanocomposite is more defective than Li 2 O bulk, which facilitates the conductivity in this region. In addition, the activation energy (E A ) for local hopping processes is smaller in the Li 2 O:B 2 O 3 nanocomposite compared to the Li 2 O bulk. This confirms that the Li 2 O:B 2 O 3 nanocomposite shows enhanced conductivity along the phase boundary compared to that in the nanocrystalline Li 2 O.
The ionic conductivity in lithium-boron oxide materials and its relation to structural, electronic and defect properties: insights from theory 
Introduction
In recent years, ceramic oxides have attracted considerable attention due to their broad potential applications as advanced materials with controlled chemical, mechanical, electrical, magnetic, and optical properties (see [1] and references therein). Many of these properties are attributed to the mobility of metal ions. A metal ion can migrate from a regular site to an interstitial site or to an adjacent vacant lattice site. An important criterion for the probability of these processes is the corresponding activation energy. Sometimes, it is difficult to accurately determine this quantity with experimental techniques. Quantum-chemical approaches can be utilized to calculate the activation energy for the elementary steps.
Ion conductivity in ceramic oxides has been observed in single-phase systems as well as in composites of different components [1] [2] [3] [4] [5] [6] [7] . A good example of a single-phase nanocrystalline ceramic as a Li ion conductor is Li 2 O [2] . Nanocomposite materials often show enhanced conductivity compared to the single-phase ceramic oxides which is attractive with respect to possible applications in battery systems, fuel cells or sensors. For example, the conductivities in Li 2 O:B 2 O 3 [1] [2] [3] and Li 2 O:Al 2 O 3 nanocomposites [6] are higher than in nanocrystalline Li 2 O, although B 2 O 3 and Al 2 O 3 are insulators.
This surprising effect was attributed to the increased fraction of structurally disordered interfacial regions and the enhanced surface area of the nanosize particles ( figure 1 [1] ). For the nanocrystalline samples, the relative volume fraction of the interface becomes close to the percolative pathways. In this case, the highly conducting interface region can act as a bridge between two Li 2 O grains not in direct contact with each other, opening up additional paths for Li ions.
In contrast, the corresponding microcrystalline composites do not show enhanced diffusivity [2, 3, 6] . For microcrystalline samples, the interface region between B 2 O 3 and Li 2 O grains does not play a significant role since its width is negligible compared to the grain sizes, and conducting paths can open up only when two Li 2 O grains come into direct contact with each other.
In this context, the expression 'interface' denotes the two-dimensional transition region between three-dimensional regions that are homogeneous in the equilibrium case [8] . In nanocrystalline Li 2 O, there are interfaces between similar crystallites whereas Li 2 O:B 2 O 3 nanocomposites contain three types of interface: between the ionic conductor grains, between the insulator grains and between the ionic conductor and the insulator grains (see figure 1) .
In a previous theoretical study, we have developed atomistic models of the Li 2 O:B 2 O 3 nanocomposite based on periodic slabs [9] . Investigations were performed to clarify whether the observed enhancement of Li conductivity in the Li 2 O:B 2 O 3 interface is due to a higher defect concentration (thermodynamically controlled) or to smaller activation barriers for local hopping processes (kinetically controlled). This is a general question for all nanocrystalline materials. These models allow a direct simulation of the defect formation and mobility at atomic scale without any experimental input. They can give insight into the local bonding situation at the interface which is difficult to obtain from experiments.
In several preliminary studies, calculated bulk properties of Li 2 O [10] , B 2 O 3 [11] , LiBO 2 [12, 13] and Li 2 B 4 O 7 [13, 14] were compared with available experimental data as critical tests for models and methods. In order to predict the most stable surface planes, the surface properties of Li 2 O [15] and B 2 O 3 [16] were also investigated. Finally, defects and diffusion in bulk [10] and surfaces [15] of Li 2 O, and in crystalline LiBO 2 [12] and Li 2 B 4 O 7 [17] , and at the interfaces of Li 2 O:B 2 O 3 nanocomposite [9] were investigated and compared with available experimental data.
This review is organized as follows. In section 2 we give a general overview of recent investigations on Li 2 O-B 2 O 3 materials. Section 3 contains a brief description of computational methods that we have used in our studies.
Our results are discussed in sections 4-7. Finally, we provide a summary in section 8.
General overview
Lithium oxide has become a subject of considerable interest because of its potential applications. It is used in high-capacity energy storage devices for next-generation electric vehicles, in lightweight high-power-density lithium ion batteries for heart pacemakers, mobile phones and laptop computers [18, 19] , and as blanket breeding material for deuterium-tritium fusion reactors [20] . Diffusion and ionic conduction in Li 2 O are subjects of great interest due to the superionic behaviour of this material. Both theoretical and experimental investigations have been performed for Li 2 O on the energetic [21] [22] [23] , electronic [23] [24] [25] [26] [27] [28] [29] [30] [31] [32] , and defect properties [29] [30] [31] [32] [33] [34] [35] [36] [37] [38] [39] [40] [41] [42] , and the ion conduction mechanism [1-3, 34, 35, 43-47] .
The dominant intrinsic defects in Li 2 O are point defects [33] [34] [35] , either as cation vacancies or of cation Frenkel type, i.e., vacancies and interstitials in the Li sublattice. Schottky disorder is also observed, but it is not as predominant as the cation Frenkel defect [34] . On the other hand, the dominant irradiation defects in Li 2 O are known as F centres [29, 36, 37] and F + centres [29-31, 38, 41, 42] . In a combined experimental and theoretical study of defects in Li 2 O, Chadwick et al [34] showed that Li + ions migrate via cation vacancies. In this study, a combination of ac conductivity measurements and non-linear least-squares computer simulation was performed, where the activation energy for Li + diffusion (E A ) was investigated. Chadwick et al [34] reported an experimental value of 0.49 eV for the activation energy E A whereas their calculated value was only 0.21 eV. In more recent theoretical investigations [35, 43, 44] where density-functional methods based on the local density approximation (LDA) were employed, it was also observed that Li + ions are migrating through the cation vacancies. For this process, activation energies of 0.34 eV [35] , 0.30 eV [43] and 0.29 eV [44] were calculated. As pointed out in, e.g., [1] , two types of experimental approach are employed for the study of diffusion and ionic conduction in nanocrystalline ceramics. The tracer diffusion method is a macroscopic method while NMR relaxation is known as a microscopic method. The value of E A for Li ion diffusion in Li 2 O derived basically from the NMR relaxation method is 0.31 eV, whereas 0.95 eV is obtained with the tracer diffusion method. The NMR relaxation method gives a smaller E A compared to the tracer diffusion method because it is sensitive to short-range motions of the ions. The barrier heights correspond to a single jump process. On the other hand, the tracer diffusion method probes the long-range transport [1] . B 2 O 3 plays an important role in modern ceramic and glass technology [1, 2, 48] . Two polymorphs exist [49] [50] [51] where the boron atoms have different coordination numbers. At normal pressure, B 2 O 3 has a trigonal structure (B 2 O 3 -I) characterized by a three-dimensional network of corner-linked BO 3 triangles [49, 50] . An orthorhombic modification (B 2 O 3 -II) exists at high pressures, consisting of a framework of linked BO 4 tetrahedra [51] . Some controversy exists in the literature regarding the space group classification of B 2 O 3 -I. Effenberger et al [49] , based on a refinement of previously published x-ray data [50] , concluded that the B 2 O 3 -I structure belongs to space group (152) P3 1 21 , instead of (144) P3 1 as suggested earlier [50] .
The experimental lattice parameters [49, 50] of trigonal B 2 O 3 -I are a = 4.3358Å, c = 8.3397Å and γ = 120 • . The experimental value of the heat of atomization is 3127 kJ mol −1 [52] . Several experimental [53, 54] and theoretical investigations [55, 56] have been performed for the electronic structure of B 2 O 3 -I. However, no experimental value for the bandgap is available in the literature. Li et al [55] found a bandgap of 6.2 eV, based on density-functional theory (DFT) calculations using the local density approximation (LDA).
Up [61] . Lithium ions, in turn, are coupled with the anion subsystem by an ionic bond that may result in the appearance of ionic conductivity and of superionic properties.
Single crystals of the Li 2 O-B 2 O 3 system are of considerable interest for their practical applications. Due to its good dissolvability, low melting temperature and resistance against transition metal contamination, lithium metaborate (LMB) LiBO 2 is widely employed as a flux or solvent [62] . It is an excellent basic flux for silicate analysis [63] , for the synthesis of low-density γ -Al 2 O 3 from high-density α-Al 2 O 3 [64] , for the identification and characterization of resistant minerals containing uranium and thorium [65] and for the growth of single crystals [66] [67] [68] . LMB is also used as a chemical modifier during mechano-chemical synthesis processes for generating new compounds from clays and refractory materials [69] . Because of its deep-ultraviolet transparency combined with mechanical durability and high optical damage thresholds [70, 71] , LMB is one of the most attractive materials for wide bandgap non-linear optics. Recent experimental studies [72, 73] show that LiBO 2 is a good ion conductor.
Hydrogen is undeniably an appropriate candidate to overcome key challenges associated with future green energy sources [74, 75] . A recent study [76] shows that lithium borohydride is an attractive potential hydrogen storage material whose dehydration reaction forms LiBO 2 along with two molecules of water.
Crystalline lithium tetraborate (LTB) Li 2 B 4 O 7 has lots of important physical properties, such as high coefficient of electrochemical coupling, low velocity of propagation of surface acoustic waves, zero thermal expansion coefficient, high mechanical strength, and low electrical conductivity at room temperature. It is used for laser radiation converters [77] , as substrates for thermostable surface [78] [79] [80] and bulk acoustic wave based devices [81] , in piezoelectric non-linear optical devices for second harmonic generation [82] [83] [84] , in electroacoustic devices [85] [86] [87] , for pyroelectric sensors [87, 88] and for thermoluminescent dosimetry of x-ray, gamma and neutron radiation [89] [90] [91] . LTB was also found to be a Li + ion conductor along the (001) direction (polar axis) at high temperatures [92] [93] [94] [95] [96] [97] [98] .
Considering this technological importance, it is rather surprising that only a limited number of experimental investigations on the electronic structure [99] [100] [101] are available in the literature so far. In order to fill the gap, we have performed systematic theoretical investigations of all known Li 2 O-B 2 O 3 compounds.
Computational methods
Bulk and defect properties of Li 2 O-B 2 O 3 compounds were obtained from periodic calculations with three methods at the DFT level. The Perdew-Wang correlation functional based on the generalized gradient approximation (PW91) [102, 103] was combined with two different exchange functionals. In the PW1PW hybrid method, the exchange functional is a linear combination of the Hartree-Fock expression (20%) and the Perdew-Wang exchange functional (80%) [104] . The second approach is the original PW91 DFT method [102, 103] . For comparison, we also used the well-known B3LYP hybrid method [105, 106] in some cases. These DFT approaches were used as implemented in the crystalline orbital program CRYSTAL [107] . In CRYSTAL the Bloch functions are linear combinations of atomic orbitals (LCAO), expressed as contracted Gaussian functions. The quality of the atomic basis sets determines the reliability of the results. Therefore, we have tested different basis sets in this study. We started with a 6-1G basis [108] for Li. In the second set, a 6-11G Li basis was used where the outer sp exponent was optimized in Li(OH)H 2 O [109] . The third Li basis set used is 7-11G * [110] . The 7-11G * basis for Li was further extended to 7-11G(2d) in our previous study [13] . The inner 1s and 2sp shells remained unchanged while the orbital exponents of the 3sp and d shells were optimized for bulk Li 2 O at PW1PW level [13] . For boron, a 6-21G * [111] was used, where the outer sp exponent was optimized for BN. The 6-21G * basis set of B was augmented with a second d shell, 6-21G(2d), in our studies [13, 14] .
For O, first a 8-411G basis was used as optimized for Li 2 O by Dovesi et al [21] . The second O basis set was 8-411G * [112] . The 8-411G * basis set was further extended to 8-411G(2d) by adding one more d polarization function. Five combinations of these atomic basis sets (BS) were applied, BS A (Li: 6-1G, B: 6-21G * , O: 8-411G), BS B (Li: 6-11G, B: 6-21G * , O: 8-411G * ), BS C (Li: 7-11G * , O: 8-411G * ), BS D (Li: 7-11G(2d), B: 6-21G(2d), O: 8-411G * ), and BS E (Li: 7-11G(2d), O: 8-411G(2d)). Integration in reciprocal space was performed with a Monkhorst net [120] using shrinking factors s = 8. For the numerical accuracy parameters, we have used stricter values compared to the CRYSTAL defaults.
We also employed the PW91 method implemented in the plane-wave program VASP [113] [114] [115] . In this way the effect of complementary types of basis sets, atom-centred functions and delocalized plane waves, on the results obtained with the same density-functional method could be studied. In contrast to the LCAO approach, which allows the explicit treatment of all electrons, inner electrons are replaced by effective potentials in VASP. In our study, the projector augmented wave (PAW) method [116, 117] was used for the core electron representation. Accordingly, the approach was denoted as PW91-PAW. In plane-wave methods the quality of the basis set is determined by a single parameter, the energy cutoff E cut . Three energy cutoff values, E1 = 400 eV, E2 = 520 eV, and E3 = 600 eV, were used. Here E1 is the standard value obtained from the VASP guide [118] , while E2 and E3 correspond to increased quality for convergence tests.
Bulk properties
In this section we present our results for the structural, energetic and electronic properties for stoichiometric Li 2 O [10], B 2 O 3 [11] , LiBO 2 [12, 13] and Li 2 B 4 O 7 [13, 14] .
Lithium oxide (Li 2 O)
Lithium oxide has anti-fluorite structure (space group Fm3m). The lattice consists of a primitive cubic array of Li + ions with spacing a/2 where the O 2− ions occupy alternating cube centres. The lattice parameter a has been measured at different temperatures in the range 293-1603 K, using coherent inelastic neutron scattering on single crystals and polycrystals [27] . An extrapolation to T = 0 K gives a = 4.573Å, about 0.05Å smaller than the room temperature value, 4.619Å [119] . The experimental value of the heat of atomization is 1154 kJ mol −1 [52] and the fundamental bandgap (E g ) is 7.99 eV [32] .
In our theoretical study [10] , we have performed a detailed investigation on the structural, energetic and electronic properties for stoichiometric Li 2 O. For the CRYSTAL calculations (obtained with the PW1PW, B3LYP, and PW91 methods), the lattice parameter a is converged with the medium quality BS B, the cohesive energy E coh and the optical bandgap E g are converged with BS D. For the PW91-PAW implementation in VASP, the calculated properties are converged with energy cutoff E cut = E2. Only the converged values are presented in table 1. The lattice parameters obtained with all methods range from 4.56 to 4.64Å, close to the range of experimental values. All theoretical methods give close agreement with experiment for E coh with deviations of less than ≈±30 kJ mol −1 . The band structure was computed along the way that contains the highest number of high-symmetry points of the Brillouin zone (BZ) [121] , namely W → L → → X → W. The converged fundamental bandgap (E g ) values are given in table 1. They range from 5.00 eV (PW91-PAW) to 8.11 eV (B3LYP). The converged values of minimum vertical [29] .
A density of states (DOS) calculation with PW1PW shows that the valence band (VB) is mainly formed by the oxygen 2p orbitals with only small contributions from Li, whereas the conduction band (CB) is dominated by Li states. The calculated valence band width is about 5.5 eV which is in good agreement with the experimental value of 5 eV [25] . All other methods give similar results.
Boron oxide (B
In this section, the geometrical, energetic and electronic properties of both space groups, P3 1 21 (152) and P3 1 (144), of B 2 O 3 -I are discussed briefly as obtained in our previous study [11] . In particular, the lattice parameters, B-O bond lengths, cohesive energy E coh , and fundamental bandgap E g are calculated and compared to available experimental data. The relative stability of two B 2 O 3 -I structures with space group symmetries P3 1 21 and P3 1 was calculated, as both space groups were discussed in the experimental literature [49] .
In the P3 1 21 structure the BO 3 triangles are almost planar. All boron atoms are equivalent and only two inequivalent O atoms are present. They are coordinated to two B atoms ( figure 2(a) ). In the previously suggested less symmetric P3 1 structure [50] , the B atoms can be separated into types B 1 and B 2 which form two slightly different BO 3 units ( figure 2(b) The calculated values for the bandgap E g , the lattice parameters a and c, the B-O bond distances, and the cohesive energies E coh of the optimized structures are compared with experimental values in table 3. For simplicity, here we discuss the results obtained with the PW1PW and PW91-PAW approaches only. For the calculations with the LCAO based approach (PW1PW), basis set B (BS B) is used for B and O as described in the computational method section, whereas PW91-PAW calculations were performed with energy cutoff E cut = E2.
In previous studies [10, 13, 14, 104] , it was found that the hybrid method PW1PW gives the closest agreement [10] are shown. [55] . This is consistent with the well-known underestimation of band gaps by the LDA [24, 26] . The deficiency is removed with the hybrid methods, but not with the GGA DFT method. PW91-PAW gives a similar value (E g = 6.3 eV) to the LDA [55] . The best agreement with the experimental lattice parameters is obtained with the hybrid PW1PW approach which overestimates a and c by only 0.01Å and 0.05Årespectively. Also the fractional coordinates are close to those proposed in the structure refinement [49] . With all methods, the geometry parameters of the structures with space groups P3 1 21 and P3 1 are virtually the same. The bond lengths and lattice parameters agree within 0.01Å or less. This is not the case for the two proposed structures based on different analyses of the same x-ray spectra [49, 50] . Consequently, the disagreement between theory and experiment is quite large for the second structure with P3 1 symmetry [50] . In particular, the B 1 -O 3 bond length, which is 1.336-1.337Å according to the experimental analysis, is overestimated by 0.04Å with all methods (table 3) . Thus, differently from the structure with P3 1 21 symmetry, the low-symmetry structure is not confirmed by the calculations.
PW1PW gives the best agreement with the experimental value for E coh . The deviation is −35 kJ mol −1 (table 3) . With both methods, the P3 1 21 structure is slightly more stable than the P3 1 structure. The energy difference, about 1 kJ mol −1 , is certainly beyond the absolute accuracy of the quantum-chemical methods as shown above. But since two similar structures are compared here, the intrinsic errors of the various approaches are essentially cancelled. All methods predict the P3 1 21 structure as minimum. Moreover, a full optimization of all fractional coordinates without symmetry restrictions at the PW1PW level led to negligible deviations with respect to the symmetric (P3 1 21) structure, and no significant energy lowering was obtained. Thus we conclude that the global minimum structure of B 2 O 3 -I has the higher space group symmetry P3 1 21. This confirms the recent reassignment [49] . [13, 14, 17] . Here we present the bulk properties of these two systems. Calculations with LCAO based approaches were performed with basis set B (BS B), whereas plane wave based calculations were performed with energy cutoff E cut = E2.
Lithium metaborate (LiBO 2 ).
LiBO 2 belongs to space group Pn2 1 /c of monoclinic class with measured lattice parameters a = 5.85Å, b = 4.35Å, c = 6.45Å, and β = 115 • [124] . The experimental value of heat of formation or atomization of crystalline LiBO 2 is −2238 kJ mol −1 [125] . In our theoretical study [12] , we have performed a detailed investigation on the structural, energetic and electronic properties of LiBO 2 . Here we discuss the optimized lattice parameters, cohesive energy E coh per LiBO 2 formula unit and fundamental bandgap E g , as obtained with the PW1PW method using CRYSTAL and with PW91-PAW using VASP (table 4) .
The PW1PW method gives the best agreement for the lattice parameters with experimental values (table 4), namely the deviation is less than ±0.03Å for a, b and c and 0.40 • for β.
As for Li 2 O and B 2 O 3 , the PW1PW method gives the best reproduction of the experimental cohesive energy for LiBO 2 . With this method E coh is only 8 kJ mol −1 smaller than the experimental value. With PW91-PAW, the difference is larger, namely −102 kJ mol −1 . This is in line with the previous investigation with LTB [14] . One possible reason for these differences between the LCAO and plane wave based cohesive energies is that the atomic reference energies obtained with plane waves are too high.
The electronic structure, namely the band structure and DOS of crystalline LiBO 2 , were calculated with different methods [12, 13] . The band structure was calculated along the path that contains the highest number of high-symmetry points of the Brillouin zone [121] 
All considered methods indicate that the LiBO 2 crystal has an indirect ( -B) bandgap (E g ). However, the direct -transition energy is only slightly larger. The difference does not exceed 0.08 eV. According to our results, LiBO 2 is a wide-gap insulator. The VBs are characterized by a lack of dispersion and there are minigaps all over the VB region. This type of band structure signifies that the electronic states are more or less dictated by the localized B-O bonding units. As a result, the hole effective masses are very large, which is typical of wide-gap insulators [126] . With all the considered DFT methods, the top of the VB is at the point , and the bottom of the CB is at B. The values of E g vary from 5.74 eV (PW91-PAW) to 8.19 eV (PW1PW) due to different amounts of self-interaction error.
The density of states (DOS) was calculated using the Fourier-Legendre technique [127] with a Monkhorst net [120] using the shrinking factor s = 8. The valence band is composed of O 2p states and B-O bonding states of BO 3 triangles. Its width is about 10 eV. Li has almost no contribution in the VB. The bottom of the CB is dominated by the contribution from B atoms and comparatively less by the contribution from Li.
Lithium tetraborate (Li
The LTB lattice belongs to space group I4 1 cd and has 104 atoms per unit cell [128] with measured lattice parameters a = 9.48Å and c = 10.29Å. The main structural pattern is a [B 4 O 9 ] 6− (as shown in figure 3 ) complex which consists of two planar trigonal (BO 3 ) and two tetrahedral (BO 4 ) units. The lithium atoms are located at interstices [128] , as shown in figure 3 .
In our theoretical study [14] , we have performed detailed investigation on structural optimization such as calculations of lattice parameters, bond distances and angles, and energetics and electronic properties with PW1PW, PW91 and B3LYP using CRYSTAL, and with PW91-PAW using VASP. Here we present only the basis set converged values obtained with PW1PW and PW91-PAW, in table 5, together with the corresponding experimental values.
The PW1PW method gives the best reproduction of the experimental values for a and c ( a = +0.02Å, c = +0.03Å) (table 5). were found in the literature [99] [100] [101] . The electronic structure, namely the valence band, of LTB has been experimentally studied by x-ray photoelectron spectroscopy (XPS) [100] in combination with a theoretical investigation based on local density approximation (LDA) calculations of the free anion
In our studies [13, 14] , the band structure was calculated along the path that contains the highest number of highsymmetry points of the Brillouin zone [121] (M → → X → P → N). With all the considered methods, the top of the VB is at the point M, and the bottom of the CB is at . Converged values of vertical VB-CB transitions in Li 2 B 4 O 7 and minimum transition energies are presented in table 6 .
All the considered methods indicate that the LTB crystal has an indirect (M-) bandgap E g . However, the directtransition energy is only slightly larger. The difference does not exceed 0.10 eV. The values of E g vary from 6.22 eV (PW91-PAW) to 9.31 eV (PW1PW).
The analysis of DOS shows that LTB has very sharp VB and CB edges. The states near the VB top are mainly created by oxygen 2p states. The contributions from atomic orbitals of other atoms (Li, B 1 -boron in BO 3 , and B 2 -boron in BO 4 ) are ten times smaller than the oxygen PDOS. The bottom of the CB is dominated by contributions from B 1 atoms. It should be noted that orbitals from Li and B 2 atoms are not involved in low-energy band-band transitions since their contributions to the lower part of the CB are very small.
Surface properties
Recent studies [1] [2] [3] show that the Li ion conductivity in Li 2 O:B 2 O 3 nanocomposites is higher than in Li 2 O, although B 2 O 3 is an insulator. This is due to an increased fraction of structurally disordered interfacial regions and an enhanced surface area [1] . It is assumed that the interfacial region between Li 2 O and B 2 O 3 nanocrystals is formed by the combination of stable surfaces of the corresponding bulk materials. The most stable Li 2 O surfaces are (111) and (110) [15, 130, 131] . For the first time, we have studied several low-index surfaces of B 2 O 3 [16] such as (101), (111), (100) and (001).
Here we review the studies on structure, stability and electronic properties of low-index surfaces of Li 2 O and B 2 O 3 . The calculations were performed by the PW1PW method with BS A and BS B for Li 2 O surfaces and BS B for B 2 O 3 surfaces. The relative stability of the surfaces was estimated according to their surface energy (E s ), calculated as
where E slab is the total energy of the two-dimensional slab with m Li 2 O or B 2 O 3 formula units, E bulk is the total energy per unit of the Li 2 O or B 2 O 3 bulk, again taken from our previous study [10, 11] , and A is the surface area of the slab. The division by 2 in equation (1) implies that the slab has two identical surfaces. Our slab models were constructed according to this requirement. They either contain a central mirror plane, an inversion centre, or a two-fold axis. In this way artificial polarization effects due to dipole moments along the surface normal are avoided.
Surfaces of Li 2 O
The (111) and (110) surfaces were modelled with a series of slabs with increasing number of atomic layers (n = 3, 6, 9, 12, 15, 18, 21, 24 and n = 2, 4, 5, 6, 10, respectively) [15] . Here we discuss the results obtained with basis set BS B only. The lattice parameters of the slab were obtained from the optimized PW1PW bulk values of our previous investigation on Li 2 O [10] using the same basis sets. All atomic layers of the slab models were fully relaxed. The relative stability of the surfaces was estimated according to their surface energy (E s ), calculated with equation (1) . As the models are finite in the direction of the surface normal, convergence with the number n of layers has to be checked. In table 7, the surface energies and their convergence with increasing number of layers (n) are presented for unrelaxed and relaxed slabs. For both surfaces, fast convergence with n was obtained, in line with the ionic character of lithium oxide.
E s has converged within 0.001 J m −2 with a six-layer slab for Li 2 O(111) (table 7) , and with a five-layer slab for Li 2 O (110) (table 7). There is a slightly larger relaxation effect for the (110) surface compared to the (111) surface. The converged E s value of the (111) surface is 0.79 J m −2 , significantly smaller than that of the (110) surface, 1.24 J m −2 . The relative stability of the two surfaces agrees well with the ab initio study of Li 2 O surfaces by Lichanot et al [131] .
Li 2 O is a wide-gap (bandgap 7.99 eV) insulator [32] . The calculated bandgap obtained with the PW1PW method (BS D) is 7.95 eV [10] , which agrees reasonably well with experiment. The qualitative features of the projected DOSs of both the surfaces are similar to those of the bulk [15] : the valence band (VB) is mainly formed by the oxygen 2p orbitals with only small contributions from Li, whereas the conduction band (CB) is dominated by Li states. However, there is an upward shift of the VB top and a downward shift of the CB bottom for the surfaces, thereby reducing the bandgap compared to the bulk. This is in agreement with an electronic-energy-loss spectroscopic (EELS) study on the surface valence-to-conduction band transition for Li 2 O [25] . According to our results, surface excitons are more pronounced in the case of the Li 2 O (110) surface [15] .
Surfaces of B 2 O 3
Our study [16] was focused on the low-index B 2 O 3 surfaces (101)≡(011), (111), (100)≡{(010), (110)} and (001). High-index surfaces cannot be completely ruled out, but they are usually not the most stable oxide surfaces and are often found to reconstruct by forming facets of low-index surfaces [132] .
The relative stability of the surfaces was estimated according to their surface energy (E s ), calculated with equation (1). The lattice parameters of the slab were obtained from the optimized PW1PW values of the bulk [11] . All atomic layers of the slab models were fully optimized. The primitive bulk unit cell (PBUC) contains 15 atoms (B 6 O 9 ).
Here the selected (101), (111), (100) and (001) surfaces are all oxygen-terminated and have either a central C 2 axis or a screw axis perpendicular to the surface normal.
In accordance with the above considerations we used n = 15, 30 and 45. Only for the (111) surface we also considered 60 layers. In table 8, the convergence of E s with slab thickness is presented for optimized slabs.
The most stable surface is (101) . For this surface, a rather slow convergence of the surface energy with the number of layers was observed. E s is converged within 0.04 J m −2 only with the 45-layer slab. During optimization, the surface is reshaped. New B-O bonds, not existing in the bulk, are formed in the top-most layers.
The situation is quite different for the second most stable (111) surface. This is due to much larger atomic displacements (up to 1.8Å) extending into the centre of the slab. Even in the inner-most layers of the largest 60-layer slab atoms are moved by more than 0.4Å. Therefore, no convergence of structural properties with n was obtained.
For the (100) surface, the convergence with respect to the number of layers is slow. There are as well changes of the atomic coordination at the surface during optimization. The nearest-neighbour B-B bond distance decreases from 2.51 to 2.39Å during optimization. In spite of the similar stabilization energy compared to the (111) surface, the atomic displacement steadily decreases with increasing distance from the surface. We conclude that the 45-layer model is large enough to represent the (100) surface.
The smallest change of atomic coordination upon optimization is observed for the (001) surface. In general, the displacements are smaller than those for the other surfaces (<0.6Å). The convergence of the surface energy with respect to the number of layers is comparably fast. E s (2.21 J m −2 ) is converged within 0.03 J m −2 already with the smallest 15-layer slab.
The relative stability of the four investigated surfaces can be qualitatively understood by the number of broken B-O bonds per surface unit. The numbers of broken bonds per surface unit cell are initially 2, 4, 4 and 2 for the (101), (111), (100) and (001) surfaces, respectively. After optimization, the numbers of 'dangling bonds' are reduced to 0, 2, 2 and 1, respectively. These correspond to 0.0, 0.05, 0.05, and 0.06 bondsÅ −2 . The trend is qualitatively in line with the order of the calculated surface energies, 0.34, 1.12, 1.29 and 2.21 eV (table 8) .
The qualitative features of the PDOSs of the (101) surface and the bulk are rather similar [16] . In both systems the valence band (VB) is mainly composed of oxygen 2p orbitals and the lower part of the conduction band (CB) mainly consists of boron orbitals. The VB width is almost the same, ≈9 eV. However, the bandgap of the (101) surface is only 8.5 eV. A closer look reveals the presence of occupied surface states between 0 and −0.2 eV, separated by a small gap of 0.1 eV from the VB. The largest contributions of these states are from first-and second-layer oxygens. Although there are no dangling bonds in the optimized surface, the different Madelung potential experienced by the top-most atoms leads to a shift of the corresponding levels to higher energies. The PDOSs of the less stable (111) and (100) surfaces show features similar to those of the (101) surface. The defect states are even more pronounced in these cases.
Defects and diffusion in Li 2 O
In this section, we review our studies on defects and ionic conduction in Li 2 O bulk [10] and surfaces [15] .
The formation energy of a cation vacancy E de (V) is calculated with the following equation:
Here E SCM (V) and E SCM denote the total energy of the supercell model with and without a vacancy, respectively, and E(Li) is the energy of the free Li atom in its ground state. The formation energy of an anion vacancy E de (F) is calculated with the following equation:
Here E SCM (V) and E SCM denote the total energy of the supercell model with and without a vacancy, respectively, and E(O) is the energy of the free O atom in its ground state.
To create a cation vacancy, one Li atom was removed from the supercell keeping the system neutral. Thus the supercell contained an odd number of electrons and its ground state was a doublet. The calculations were performed with the spin polarized method (unrestricted Kohn-Sham, UKS). To create an F centre, one neutral oxygen atom was removed from the supercell. Calculations were performed for the closed shell singlet state. The Frenkel formation energy E de (Fr) is the energy needed to move a Li + ion from its regular lattice site to an interstitial site.
Li 2 O bulk
In the present study, cation vacancy and F centre defects in bulk Li 2 O are discussed as investigated in our theoretical study [10] . In order to minimize direct defect-defect interaction between neighbouring cells, we used a large supercell (Li 64 O 32 ) as a model of the defective bulk. It was obtained from the primitive unit cell by a transformation with matrix L:
In order to study the convergence behaviour of the calculated defect properties we also considered the smaller supercell Li 32 O 16 . The formation energies of the cation vacancy and F centre are calculated with equations (2) and (3) respectively for unrelaxed and fully relaxed systems. In table 9, we present only the converged values of E de (V) and E de (F) obtained with PW1PW using BS B and PW91-PAW using E cut = E2.
6.1.1. Cation vacancy. The converged E de (V) values with the LCAO based PW1PW approach and the plane wave based DFT method PW91-PAW are 576 kJ mol −1 and 480 kJ mol −1 , respectively. The inclusion of exact exchange leads to an increase of the defect formation energy.
The structural relaxation effects are investigated by measuring the changes of the distances of the relaxed atoms from the Li defect position. Here we discuss the results obtained with the PW1PW approach only. All other methods give the same trend. The four O atoms in the first coordination shell (first nearest neighbours, 1-NN) show an outward relaxation from the vacancy, namely by 6.6% with the PW1PW method. This is reasonable, since the electrostatic attraction by the Li + cation is missing. The removal of one neutral Li atom creates a hole in the valence band. One of the surrounding four O atoms (formally O 2− ) in 1-NN becomes O − and the spin density is localized on this O atom. Six Li atoms in the second coordination shell (2-NN) show a strong inward relaxation of −10.0% with the PW1PW approach. Due to the reduced electrostatic repulsion, the 2-NN Li atoms tend to move toward the vacancy. The 12 Li atoms in the third coordination shell (3-NN) show an outward relaxation. All other atoms with larger distances to the defect position show only small relaxation. Thus the relaxation is mainly restricted to the nearest-and the second-nearest-neighbour atoms.
The DOSs for a defective Li 63 O 32 supercell were calculated with all the methods. All the methods show qualitatively the same behaviour. The neutral Li vacancy introduces an extra unoccupied level in the β ladder roughly 0.33 eV above the Fermi level (E F ) with the PW1PW approach. The unoccupied defect level consists of oxygen states. The PW1-PAW approach gives nearly the same energetic position of the unoccupied defect level above E F (0.31 eV).
F centre.
For the calculation of the F centre using the LCAO based approaches, the basis functions of the oxygen ion were left at the defect position. Calculations were performed for the closed shell singlet state. A test calculation with the PW1PW method for the triplet state showed that E de (F) is much higher (by 539 kJ mol −1 ) for the triplet state than for the closed shell singlet state. The converged value of E de (F) with PW1PW using BS B is 873 kJ mol −1 (table 9 ). The relaxation energy is very small, ≈5 kJ mol −1 . For the plane wave based DFT method, PW91-PAW, the converged value of E de (F) is 948 kJ mol −1 . Compared to the PW1PW method, this value is overestimated by 100 kJ mol −1 . The differences between hybrid and pure DFT methods demonstrate the importance of exact exchange in the calculation of defect energies.
The structural relaxation effects of the F centres are investigated by measuring the changes of distances of the relaxed atoms from the defect position. Only the PW1PW results are discussed in the following. All the other methods give qualitatively the same trend. The F centre is surrounded by eight Li atoms in the first coordination shell (1-NN) . The Li atoms in 1-NN show an outward relaxation from the vacancy, namely by 1.5% with PW1PW. This is reasonable, since the 1-NN Li atoms are positively charged and should, therefore, repel each other as the central oxygen ion is removed. But the effect is much smaller than for the oxygens surrounding the Li defect. The 12 2-NN O atoms show an outward relaxation of 0.2%, indicating that the positions of the oxygen atoms are almost unchanged. These results agree well with the outward relaxation of 1-NN Li atoms and 2-NN O atoms for the F centres in Li 2 O obtained by Tanigawa et al [37] . In that study the displacements were even smaller, namely by 0.05% The experimental value of the optical transition energy for oxygen deficient Li 2 O is 3.7 eV [29] , indicating a location of a doubly occupied defect level about 4.3 eV above the valence-band-maximum (VBM). This is reflected by the calculated density of states (DOS) of the defective supercells. With the PW1PW approach, the doubly occupied defect level is located 3.9 eV below the CB edge.
The obtained transition energy is in good agreement with the experimental value of 3.7 eV [29] , whereas the PW91-PAW approach gives too small a value of the optical absorption energy, namely 2.7 eV. This can be related to the artificial self-interaction in DFT methods which is not completely removed in the GGA.
Migration of Li + ions.
In our previous theoretical study [10] , the investigation of Li migration from a regular lattice site to an adjacent vacancy was performed with the PW1PW and B3LYP methods using the CRYSTAL code and the PW91-PAW method using the VASP code. In this section we discuss our results obtained with the PW1PW and PW91-PAW approaches.
In figure 4 , the migration process is illustrated. Figure 4(a) shows the unrelaxed structure of defective Li 2 O where the migrating Li + ion and the vacancy (V) are in their original positions. Figure 4(b) shows the symmetric transition structure. The lithium ion is centred between two oxygen ions. The activation energy E A for the migration process is calculated from the energy difference between the transition structure ( figure 4(b) ) and the initial structure ( figure 4(a) ). The final structure ( figure 4(c) ), where the migrating ion has accessed the position of the vacancy, is isoenergetic with the starting structure.
The experimental hopping distance for the migration of the Li + ion from its original tetrahedral site to the vacancy is the nearest Li-Li distance in Li 2 O [27], namely, 2.29Å. The calculated hopping distances slightly differ for the considered methods due to the different optimized lattice constants. They are 2.28 and 2.29Å for PW1PW and PW91-PAW respectively. For the calculation of the potential energy curve, the migration path of the Li + ion was divided into ten equidistant steps. Our theoretical model corresponds to a single Li ion hop. This process is comparable to that studied with NMR relaxation [1] . Therefore, the calculated activation energies E A are compared with this experimental value, 0.31 eV [1] .
We performed the study of Li + migration in three steps. First the potential curve for the movement of Li from its regular position to the nearest defect position was calculated without relaxation of the neighbouring atoms. In the second step the nearest neighbouring atoms around the defect and the migrating Li were relaxed. The vacancy and the migrating ion are surrounded by four oxygens each in the first coordination shell. Together they have six oxygen atoms as nearest neighbours (1-NN). Two oxygens are bridging the two tetrahedra ( figure 4(a) ). In the defective structure, one unpaired electron is localized on one of these bridging oxygens, mainly in the 2p orbitals. This situation was also observed in previous DFT-LDA investigations for Li + ion diffusion in Li 2 O [35] . It can be expected that this oxygen atom undergoes pronounced changes in its coordination geometry and that it is important to include it in the relaxation. In the final step, all atoms of the cell were allowed to relax except the migrating Li atom, which was fixed at each predefined position on the migration path.
It can be seen from table 10 (column 2) that both methods significantly overestimate the experimental E A , if relaxation is not taken into account. The values range from 0.45 eV (PW1PW) to 0.49 eV (PW91-PAW). The barrier is drastically reduced when relaxation of the first neighbours (1-NN) is performed (table 10, column 3) . Surprisingly, the calculated barriers at this level of relaxation (0.17 eV) are even smaller than those with full relaxation of all atoms in the cell (table 10, column 4). One reason for the small barriers obtained with 1-NN relaxation is that the movement of the oxygen atoms surrounding the vacant Li lattice site in figures 4(a) and 4(c) is hindered by the repulsive interaction with their nearest oxygen neighbours which are fixed. The stabilization of the defect structure was 2-3 times larger for the relaxation of the second nearest neighbours compared to the 1-NN relaxation. Apparently, this effect is less pronounced for the transition state structure. A good agreement with experiment was achieved only with full relaxation. The calculated barriers range from 0.28 to 0.33 eV (table 10, column 4). In order to study the dependence of E A on the supercell size, we also studied the smaller cell Li 32 O 16 (see values in parentheses in table 10). The PW1PW hybrid method gives a slightly larger barrier (0.39 eV) than the Li 64 O 32 supercell, whereas for PW91-PAW there is essentially no change (0.27 eV). Similar activation energies (0.34 eV and 0.30 eV) were obtained in plane-wave DFT studies of the Li 32 O 16 supercell based on the local density approximation using norm-conserving pseudopotentials [35] and ultra-soft pseudopotentials [43] , respectively.
The possibility of a different migration path where the Li + ion moves in a two-dimensional curve rotation rather than in a straight line was also investigated. Here only the PW91-PAW method was employed. The energy hypersurface was scanned point-by-point. The lowest energy was found at a location almost identical to the central symmetric position of the straight line. Also the energy barrier E A for the curve rotation (0.28 eV) was virtually identical to the value of 0.28 eV obtained for the migration in a straight line. Therefore, it can be concluded that the migration of the Li + ion occurs in an almost straight line.
Li 2 O surfaces
Two dominant point defect types, cation vacancies and cation Frenkel defects, are studied for the most stable Li 2 O(111) surface [15] . The convergence of the defect formation energy was checked with respect to increasing supercell size (decreasing defect concentration), increasing number of slab layers and basis set size with the PW1PW approach.
Cation vacancy.
Using optimized structural parameters for the perfect crystal [10] , 2 × 2 and 4 × 4 surface supercells were constructed containing six-, nine-and twelve-layer slabs parallel to the (111) surface for Li 2 O. The vacancy was created by removing one Li atom (site A, see figure 5 ) from the supercell keeping the system neutral.
The formation energy of the cation vacancy E de (V) was calculated with equation (2) for unrelaxed and fully relaxed systems.
As found for bulk Li 2 O [10], E de (V) has a small BS dependence, the difference between BS A and BS B being only 1-2 kJ mol −1 . Therefore, the cation vacancy formation energies obtained only with BS A are presented in table 11. E de (V) decreases with decreasing defect concentration (i.e. increasing supercell size). This indicates a long-range repulsive interaction between lithium vacancies located in neighbouring cells. The observed trend can also be due to the effect of relaxation of the lattice atoms around the vacancy. The movement of the atoms out of their lattice positions due to the presence of the defect is restricted by the periodic boundary conditions introduced on the supercell. This can be best seen by the smaller relaxation energy of the 2 × 2 supercell (E R is ≈60-65 kJ mol −1 ) compared to that of the 4 × 4 supercell (E R is in the range of 110-130 kJ mol −1 ). For both 2 × 2 and 4 × 4 supercells, E de (V) is converged with six-layer slabs. The converged E de (V) value for the Li 2 O(111) surface is 542 kJ mol −1 . This can be compared to the bulk value for Li 2 O, 576 kJ mol −1 , obtained with the same method and basis sets [10] . Therefore, we conclude that the surface of Li 2 O contains a higher percentage of defects than bulk Li 2 O.
The calculated geometrical relaxation effects around a Li vacancy are investigated. The three oxygen atoms in the first coordination shell (first nearest neighbours, 1-NN) increase their distance to the vacant Li site by 5%. This is 
Cation Frenkel defect.
Based on our experience from the cation vacancy investigation, only 4 × 4 supercells containing six-and nine-layer slabs were employed. To simulate the cation Frenkel defects, one Li atom was removed from the regular site and was placed at interstitial sites at different distances. The lowest Frenkel formation energy (E Fr ) was obtained for a distance of 3.60Å between the interstitial and the regular sites.
As in the case of cation defects, a small dependence on the model parameters was observed for the Frenkel defect formation: E Fr changes by only 2-3 kJ mol −1 when the BS is increased from A to B, and by only 1 kJ mol −1 when the number of atomic layers is increased from six to nine [15] . Therefore, calculated E Fr values with BS A are presented in table 12 .
The similarity of the trends obtained for E de (V) and E Fr is not surprising since both defects involve the formation of an empty Li lattice site. Due to the different references, the absolute values of E Fr are much smaller than those of E de (V). The two defect types can be regarded as extreme cases of real lattice defects, where the dislocated Li is close to the vacancy (Frenkel defect) or at infinite distance (hole vacancy). E Fr in the Li 2 O(111) surface is 151 kJ mol −1 , considerably smaller than the measured bulk value (244 kJ mol −1 [34] ). Therefore, it was concluded [15] that the defect concentration is higher in the surface than in the bulk which plays a major role for Li diffusion.
6.2.3. Li + migration. In a previous theoretical work [35] , it has been shown that the migration barrier of the Li interstitialcy mechanism is higher than that of the vacancy mechanism. This was supported by more recent , where a vacancy mechanism was proposed. Therefore, we concentrated on the vacancy mechanism in our subsequent investigation of Li diffusion in Li 2 O [15] . A 4 × 4 supercell with six atomic layers was employed for the investigation of Li + migration in the Li 2 O(111) surface. In the previous section, it was observed that the basis set has a very small effect on both cation vacancy and Frenkel defect formation energy values. Therefore, only the smaller BS A was applied for the Li + migration investigation.
As a first step, a single neutral Li atom was removed from the Li 2 O slab. This is a simplification of the real situation where Li remains in the lattice and may affect the movement of other Li atoms. But in the present investigation we are interested only in the activation barriers for hopping processes between regular lattice sites. Li migration may then occur from a tetrahedral third-layer site to a cation vacancy at the top-most layer which is only three-fold coordinated to oxygen atoms, or vice versa. Another possibility is a hopping process between an occupied and an unoccupied three-fold coordinated site of the first layer. In both cases, one or two oxygen atoms are shared by the migrating Li + and the cation vacancy as shown in figure 6 .
We assumed in [15] that the transition state is located in the middle of the path between the initial position of the migrating atom and the vacancy. This represents an approximation of the real transition state that might deviate from the central position due to the reduced symmetry at the surface. Unfortunately, a full transition state search was not possible with CRYSTAL06 at that time. The possibility of a different migration path such as Li + ion movement in a two-dimensional curve rotation was investigated in a previous study [10] . There it was observed that, for the Li + ion migration in crystalline Li 2 O, the activation energy E A in the curve rotation is almost identical to that obtained in the straight line path. Therefore we are convinced that the conclusions of our study are not affected by the limited accuracy of the transition state geometries. In the following, we describe the possible pathways for Li + migration in the Li 2 O surface. In figure 5 , selected lithium atoms are denoted to represent the possible migration pathways for the Li + ion movement. Li A1 and Li E are nearest neighbours in the first atomic Li layer, B1 and C are in the third atomic layer, and D belongs to the next Li row of the first layer. The migration of a Li + ion can occur in a zig-zag pathway, such as the migration of lithium type A1 to B1, or A1 to C. Alternatively, migration can occur in a straight line, either along the
Spin polarization plays an important role for the Li + migration. It was observed that the unpaired electron, created due to the cation vacancy, is localized on the 2p orbital of one of the surrounding oxygen atoms. For the migration of A1 to B1 and A1 to C, spin is localized on the oxygen atom nearer to the migrating lithium in the transition states, whereas in the case of A1 to D and A1 to E migrations, the unpaired electron is localized on the oxygen atom nearer to the defect in the transition states. A similar situation was observed for Li + diffusion in crystalline Li 2 O [10] (see section 6.1.3).
The calculated values for the migration energy E A for all considered migration pathways are presented in table 13 . Unlike in the case of bulk Li 2 O, the migration energy E A for the Li ion migration in the Li 2 O surface is not symmetric because the sites are not energetically equivalent. We therefore distinguished between E A (ab) and E A (ba) where the energy of the transition state refers to the structure with occupied site a (b) and empty site b (a).
The zig-zag migrations are more suitable than the migrations in the straight lines along either the [6] ). For the hopping process in the opposite direction B1 −→ A1 E A is much smaller, 0.08 eV (table 13) due to the higher energy of a Li vacancy at site B1 compared to A1.
In a macroscopic process where Li vacancies migrate over distances corresponding to many lattice parameters, both barriers have to be overcome. The smaller barrier, corresponding to the fast step, will not be observed in the experiments.
According to our present results, the migration energy barriers in the bulk and surface of Li 2 O are not significantly different. The increased Li mobility near grain boundaries of nanocrystallites is therefore attributed mainly to the increased Li vacancy concentration due to their higher thermodynamical stability compared to the bulk. This is in agreement with the experimental results [1, 5, 6 ].
Defects and diffusion in LiBO 2 bulk
Due to the fast ionic conduction property, lithium metaborate has a number of potential applications in advanced materials with controlled chemical and new physical properties such as lithium ion batteries, electrochromic displays, gas sensors, etc [1, 72, 134] . Recently, experimental studies on ion transport and diffusion in nanocrystalline and glassy ceramics of LiNbO 3 , LiAlSi 2 O 6 and LiBO 2 using the measurement of dc conductivities and 7 Li nuclear magnetic resonance spin-lattice relaxation rates have been performed [72, 73] . Their measured activation energy for the Li + ion long-range transport as derived from the dc conductivity in LiBO 2 (with α-LiBO 2 as the majority phase) is 0.80-0.71 eV when going from the microcrystalline via the nanocrystalline to the glassy state, whereas the activation energy for the short-range Li + ion migration obtained from the spin-lattice relaxation rates is 0.23-0.21 eV when going from the nanocrystalline to the glassy state. Based on these values, the experimental activation energy for short-range Li + ion migration in the microcrystalline state is estimated to be 0.30 eV.
Here, we review a theoretical investigation of the Li vacancy defect and the migration of a Li + ion in α-LiBO 2 using first-principles methods and periodic supercell models [12] . Calculations with LCAO based approaches were performed with basis set B (BS B), whereas plane wave based calculations were performed with energy cutoff E cut = E2.
Cation vacancy in LiBO 2
The formation energy of a cation vacancy E de (V) is calculated with equation (2) with all the methods. The effect of relaxation is further investigated by measuring the changes of distances of the nearest oxygen atoms, boron atoms and lithium atoms with respect to the defect position during geometry optimization. In nondefective LiBO 2 , the Li atom is surrounded by four oxygen atoms in a distorted tetrahedral arrangement [124] . The four lithium-oxygen distances range from 1.93 to 2.00Å [124] . Thereupon follows a fifth lithium-oxygen distance of 2.52Å, forming an oxygen five-vertex polyhedron [124] . In the following the five nearest oxygen atoms are considered to show the effect of relaxation. The three nearest boron atoms (B1, B2 and B3) and two nearest lithium atoms (Li1 and Li2) to the vacancy are also considered. The numbering follows that in figure 7 . In table 15, the calculated distances of the O, B and Li atoms from the vacancy before and after relaxation are shown. Here r 1 to r 10 denote the distances of the O, B and Li atoms from the vacancy. The numbering follows that in figure 7 .
With both methods an increase of the nearest-neighbour oxygen-defect position distance is obtained. This is due to the fact that the electrostatic attraction by the Li + ion is missing. The fifth oxygen atom shows only a small relaxation, +0.2% (PW1PW), or +0.4% (PW91-PAW), indicating that relaxation is mainly restricted to the nearest neighbours of the vacancy. All the boron atoms move towards the vacancy by a very small amount. Also the two nearest lithium atoms show an inward relaxation. This behaviour can be explained by the reduced electrostatic repulsion of the positively charged boron and lithium ions after removal of a Li atom. The movement of the nearest Li neighbours around the vacancy in LiBO 2 is in line with the corresponding geometry changes in Li 2−x O [10] and Li 2−x B 4 O 7 [17] , where the nearest Li atoms show strong inward relaxation.
Electronic properties
The removal of a neutral Li atom creates a hole in the valence band. One of the surrounding oxygen atoms which Table 15 . Distances r (Å) of the nearest oxygen, boron and lithium atoms in α-LiBO 2 from the Li vacancy (V) and changes r of the distances (in % of r) due to relaxation [12] . figure 8 . Pure DFT approaches show qualitatively the same behaviour. The main difference of DFT-GGA approaches (such as PW91-PAW) from PW1PW is that the energetic difference between occupied and unoccupied bands is smaller for the PW91-PAW method. The Li + vacancy introduces an extra unoccupied level 1.0 eV above the Fermi level E F , which is marked in figure 8 . With PW91-PAW, this energy difference is 0.40 eV.
This band is mainly composed of oxygen p orbitals from atoms surrounding the vacancy site. In the analysis of the electronic structure obtained with PW1PW it is found that the p orbitals of one of the four nearest oxygen atoms have much larger contributions than those of the other atoms. This corresponds to the simplified picture of a change from O 2− to O − for a single ion, whereas with plane wave based PW91-PAW the contributions to the defect band are more evenly distributed, therefore the hole is less localized.
Migration of a Li + ion
In our previous study of the Li + ion migration in Li 2 O (see section 6.2.3 [10] ), it was observed that both the hybrid and pure DFT approaches give similar agreement with respect to the experimental values. Since the NEB method has not yet been implemented in CRYSTAL, we have only employed the VASP PW91-PAW approach for calculating the Li ion migration in LiBO 2 . There are various possibilities for Li + migration in LiBO 2 as presented in figure 9 . Li + can migrate along the xy plane, such as (a) migration of Li A to Li B1 (distance 2.623Å), (b) migration of Li A to Li B2 (distance 2.798Å), (c) migration of Li A to Li B3 (distance 2.798Å) and (d) migration of Li A to Li B4 (distance 3.120Å). Another possibility for Li + migration is in the c direction indicated by positions A and C in figure 9 . In this case the distance between two lithium atoms is 3.314Å.
The structural analysis of the migration pathways along the xy plane and the c direction shows that there are clear differences among the neighbouring sites of migrating lithium and vacancy positions. Compared to the migration along the c direction, the distance between the migrating Li and the Li vacancy is shorter for the migrations along the xy plane. In the latter case, two oxygen atoms are bridging between the migrating Li and the Li vacancy, whereas for the migration along the c direction, one oxygen atom is bridging between the migrating Li and the Li vacancy.
For simplicity, here we present the local structures of only one migration pathway along the xy plane (migration of Li A to Li B1) in figure 10 and compare these with the local structures of migration along the c direction (migration of Li A to Li C) in figure 11 . As discussed in section 7.1, the lithium atom (or lithium vacancy as marked by V in figures 10 and 11) is surrounded by five oxygen atoms as nearest neighbours O1 (O1), O2 (O2), O3 (O3), O4 (O4) and O5 (O5). In the case of migration along the xy plane, the migrating Li (blue sphere in figure 10 ) is in the middle of two bridging oxygen atoms in the transition state structure. In the final structure, the distance between the migrating Li and the O atoms has increased slightly ( d = +0.10 to +0.20Å) due to structural [12] . Reproduced with permission from [12] . Copyright 2011 American Chemical Society. [12] . Reproduced with permission from [12] . Copyright 2011 American Chemical Society.
relaxation. For the Li + ion migration along the c direction, the migrating Li (blue sphere in figure 11 ) passes through a triangle formed by three oxygen atoms. Here the three Li-O distances are 1.83, 1.93 and 2.18Å. Due to strong relaxation, the Li-O distance has increased ( d = +0.34Å).
The investigation of all the structures in the migration pathways reveals that the unpaired electron is localized on the p orbitals of the nearest oxygen atoms. As stated before, the contributions to the defect band are more evenly distributed Table 16 . Comparison of calculated activation energy E A (eV) values in α-LiBO 2 with experimental results [12] .
Migration type
Calc. Exp. [72, 73] A-B1 0. In table 16 , the calculated activation energies (E A ) are compared with the experimental values [72, 73] .
Our calculated E A in the xy plane ranges between 0.43 and 0.54 eV whereas that along the c direction is 0.55 eV. This shows that the migration of a Li + ion along the xy plane would be easier than that in the c direction. 
Defects and diffusion in Li 2 B 4 O 7 bulk
The main structural pattern of lithium tetraborate (LTB) is a [B 4 O 9 ] 6− complex which consists of two planar trigonal (BO 3 ) and two tetrahedral (BO 4 ) units. Lithium ions are connected with the anion subsystem electrostatically [128] . The loose connectivity results in the appearance of ionic conductivity and superionic properties [61] . Experimental investigations [135, 136] of the temperature dependence Figure 10 . Local structures for the Li + ion migration in LiBO 2 along the xy plane, where in the starting structure two oxygen atoms are bridging between the migrating Li (blue sphere) and the Li vacancy (yellow sphere, marked with V). In the transition state the migrating Li passes through two bridging oxygen atoms [12] . Reproduced with permission from [12] . Copyright 2011 American Chemical Society. Figure 11 . Local structures for the Li + ion migration in LiBO 2 along the c plane, where in the starting structure one oxygen atom is bridging between the migrating Li (blue sphere) and the Li vacancy (yellow sphere, marked with V). In the transition state the migrating Li passes through a triangle formed by three oxygen atoms [12] . Reproduced with permission from [12] . Copyright 2011 American Chemical Society.
of conductivity for LTB single crystals showed that the conductivity along the tetragonal c axis is higher by almost five orders of magnitude than that along the perpendicular direction. In these studies it was established that the conductivity of LTB crystals is purely electronic along the (100) direction and purely ionic (via transport of Li ions) along the (001) direction. Since then, several experimental investigations have been performed to study the ionic conductivity of this system along the (001) direction [92] [93] [94] [95] [96] [97] . It was suggested [94] that the conduction of the Li + ion occurs through a one-dimensional channel in the tetragonal axis. This conductivity channel is formed by the triangular faces of the five-vertex oxygen polyhedra around the main lithium position. The ionic conductivity in LTB is attributed to the Li vacancies [92] [93] [94] .
Several different values for the activation energy E A of the ion migration in LTB exist in the literature. They are dependent on the preparation method of the samples [94] . Kim et al [93] measured the E A for LTB crystals prepared from LTB powder (LTBp, 0.42 eV) and from Li 2 CO 3 -B 2 O 3 mixed powder (LTBm, 0.46 eV).
In the following, we review our theoretical investigation of the Li vacancy defect and the migration of a Li + ion in LTB [17] . Calculations with LCAO based approach were performed with basis set B (BS B), whereas plane wave based calculations were performed with energy cutoff E cut = E2.
Cation vacancy in lithium tetraborate
For the simulation of a Li vacancy in LTB, a supercell Li 16 B 32 O 56 was created by applying the transformation matrix L on the primitive unit cell: This supercell corresponds to the conventional unit cell of LTB and contains 104 atoms. A full optimization of atomic fractional coordinates was performed taking the optimized lattice parameters (a = 9.50Å and b = 10.32Å) from the bulk optimization [14] .
The formation energies for a cation vacancy, E de (V), are calculated with equation (2) for unrelaxed and fully relaxed systems,and are presented in table 17 . To the best of our knowledge there is no previous experimental or theoretical value for the Li vacancy formation energy of LTB. Therefore the calculated E de (V) values obtained with PW1PW and PW91-PAW are compared with each other in the following. Since PW1PW gives the best reproduction of the experimental bulk properties of LTB [14] and of the defect properties of Li 2 O [10] and LiBO 2 [12] , this method is taken as reference. The E de (V) for the fully relaxed system obtained with PW1PW is 728 kJ mol −1 . As for the Li vacancy defect in Li 2 O, the PW91-PAW approach gives a significantly smaller value of E de (V) (658 kJ mol −1 ) compared to PW1PW. The absolute values for the Li defect formation energy are considerably higher in LTB than in Li 2 O. There we obtained 576 kJ mol −1 (PW1PW) and 480 kJ mol −1 (PW91-PAW). In part this can be explained by the larger bandgap in LTB (9.3 eV, [13, 14] ) compared to Li 2 O (8.0 eV, PW1PW [10] ). For both systems the top of the valence band is dominated by O 2p levels whereas the lower part of the conduction band consists mainly of Li 2sp orbitals (Li 2 O), or Li 2sp and B 2sp orbitals (LTB), respectively [13] . Therefore the reduction of an oxygen atom after removal of a Li atom is energetically less costly in the system with the smaller bandgap.
For a more quantitative analysis we compared the Mulliken overlap population of Li with its neighbours in LTB and Li 2 O. Surprisingly, the overlap population with the four nearest oxygen neighbours is larger in Li 2 O (0.043) than in LTB (average value 0.015). This would indicate a weaker Li-O bond in LTB in contrast to the calculated defect formation energies. But in LTB the overlap population decays very slowly. Second nearest O and B atoms still have overlap populations of 0.011 with the Li atom. This indicates a more covalent nature of the bond in LTB which can explain the larger E de (V). In Li 2 O all overlap populations are zero except for the nearest neighbours.
The relaxation energies E R , 72 kJ mol −1 with PW1PW and 35 kJ mol −1 with PW91-PAW, obtained for LTB are of the order of 6-10% of the defect formation energies. The absolute values of E R are larger in LTB than those obtained for Li 2 O [10] .
The effect of relaxation is further investigated by measuring the changes of distances of the nearest oxygen atoms, boron atoms and lithium atoms with respect Table 18 . Calculated values of changes in distances of the nearest oxygen atoms to the Li vacancy (V), r (in % of r), due to relaxation in Li 2 B 4 O 7 [17] .
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Vacancy-atom
to the defect position during geometry optimization. In non-defective LTB, the Li atom is surrounded by four oxygen atoms in a distorted tetrahedral arrangement [128, 137] . The four lithium-oxygen distances range from 1.97 to 2.17Å [128] . The next shell follows a fifth lithium-oxygen distance of 2.61Å, forming an oxygen five-vertex polyhedron [94, 128] . The next lithium-oxygen distances are 2.85Å and more. In the following the six nearest oxygen atoms are considered to show the effect of relaxation ( figure 12 ). In table 18, the calculated values of changes in distances (r) of O atoms r are shown.
Here r 1 to r 6 denote the distances of O1-O6 from the vacancy. The numbering follows that in figure 12 . With both methods an increase of the oxygen-defect position distance is obtained. This is due to the fact that the electrostatic attraction by the Li + ion is missing. The removal of a neutral Li atom creates a hole in the valence band. One of the surrounding oxygen atoms which was formally O 2− in stoichiometric LTB becomes O − . One unpaired electron is localized on the 2p orbital of one of these oxygen atoms. It should be noted that the sixth oxygen atom shows a small relaxation, +0.2% (PW1PW) or +0.4% (PW91-PAW), indicating that relaxation is mainly restricted to the nearest neighbours of the vacancy.
The calculated changes in distances of the three nearest boron atoms and two nearest lithium atoms from the vacancy due to relaxation are shown in table 19 . r 1 , r 2 and r 3 denote the distances of the three boron atoms, respectively, and r 4 denotes the distance of the two lithium atoms from the vacancy. Two of the boron atoms move towards the vacancy, while the position of the third boron atom is unchanged with both methods, r = 0.0% (PW1PW) and −0.2% (PW91-PAW). Also the two nearest lithium atoms [17] .
show an inward relaxation of −4.2% with the PW1PW and −2.9% with the PW91-PAW approach. This behaviour can be explained by the reduced electrostatic repulsion of the positively charged boron and lithium ions after removal of a Li. The movement of the nearest Li neighbours around the vacancy in LTB is in line with the corresponding geometry changes in Li 2−x O [10] , where the nearest Li atoms show strong inward relaxation. The study of electronic properties is performed by calculating the density of states (DOS) of the defective supercells. The main difference between PW91-PAW and PW1PW is that the energetic difference between occupied and unoccupied bands is smaller with PW91-PAW due to the self-interaction error. The Li + vacancy introduces an extra unoccupied level 0.26 eV above the Fermi level E F with the PW1PW approach.
With PW91-PAW this energy difference is virtually identical, 0.27 eV. This band is mainly composed of oxygen p orbitals from atoms surrounding the vacancy site. In the analysis of the electronic structure obtained with PW1PW it is found that the p orbitals of one of the four nearest oxygen atoms have much larger contributions than those of the other atoms. This corresponds to the simplified picture of a change from O 2− to O − for a single atom. With PW91-PAW, the contributions to the defect band are more evenly distributed, therefore the hole is less localized. Again, this has to be attributed to the inherent self-interaction error in GGA-DFT. In this aspect, hybrid methods are more reliable. Nevertheless, the effect of localization on calculated defect formation energy and activation energy barriers is relatively small.
Migration of a Li + ion
In LTB, a Li + ion migrates through a one-dimensional channel of the ion conduction path in the (001) direction [94] . In this channel, Li ions form five-vertex oxygen polyhedra (LiO 5 ). The high atomic packing density and the rigidity of the triangular and tetrahedral boron-oxygen polyhedra prevent direct jumps of Li ions along the tetragonal axis [94] . It is assumed that the Li + ion migrates through the large triangular faces of the two nearest oxygen five-vertex polyhedra facing each other. In figure 13 , two nearest oxygen five-vertex polyhedra, one of a Li ion and the other of an adjacent Li vacancy (V), are shown. The arrow shows the direction of the migrating Li + ion towards the vacancy.
Two schematic views of the Li + ion migration process in LTB are presented in figures 14 and 15. Here it should be noted that the migration pathways were designed manually and the energetics of each step of the migration were calculated separately as the cNEB method was not available at that time. In the following we discuss the migration pathways. The calculated values of the Li hopping distance are 3.06Å and 3.08Åwith PW1PW and PW91-PAW respectively, in good agreement with the experimental hopping distance of 3Å [94] . In figure 16 , the potential energy curves for the Li + ion migration in LTB for unrelaxed systems are shown.
In each step, the migration path is modelled in ten sub-steps. The central sub-step is considered as an approximation of the corresponding transition structure. The activation energy E A is calculated (for both the unrelaxed and relaxed systems) as the energy difference of the approximate transition structure and the initial structure where the vacancy is on a regular site. In table 20, the calculated activation energies are compared with the experimental values [93] . For every step E A is the same, reflecting that the local environments of the migrating Li + ion and the vacancy are identical. Therefore, only one step is shown in figures 16 and 17. For the unrelaxed system, both the PW1PW and the PW91-PAW method give too large values (1.87 eV and 2.22 eV respectively) for E A compared to experiment (0. 42-0.46 eV, table 20) . This is in line with the previous finding for Li + ion diffusion in Li 2 O [10] and demonstrates the high importance of local relaxation for the calculation of activation barriers. The potential energy curves for Li + ion migration for the fully relaxed systems are shown in figure 17 . models have been employed to describe the enhanced ionic conductivity in composite materials. The continuum percolation model was used to describe the dependence of the dc conductivity of Li 2 O:B 2 O 3 nanocrystalline composites on the insulator concentration [2] . A bricklayer type percolation model treating both the micro-and nanocrystalline composites on the same footing [4] is also able to reproduce the experimental results for the conductivity as a function of composition. In a recent investigation [5] , a more sophisticated Voronoi approach was used. None of these stochastic models explicitly take into account the structure of the nanoparticles and of their surfaces.
For the first time, we have developed atomistic models of the Li 2 O:B 2 O 3 nanocomposite based on periodic slabs [9] . The effect of the atomic structure in the interface region on the ion mobility was investigated. The enhancement of Li conductivity in the Li 2 O:B 2 O 3 interface region was investigated by the calculation of defect concentration and activation barriers for local hopping processes in the interfacial region. Calculations were performed with the PW1PW method using BS A. [15] . The lengths of the corresponding surface lattice vectors were a = b = 12.9Å. The B 2 O 3 (001) surface was modelled with a 3 × 3 supercell [16] with surface lattice parameters a = b = 13.1Å. The slab model had five atomic layers and contained 9 f.u. The surface lattice parameters were a = b = 13.1Å, corresponding to the optimized bulk structure at PW1PW level, a bulk = 4.35 (exp. 4.34)Å, c bulk = 8.39 (8.34)Å [10] . Thus with the present combination of surface supercells, the lattice mismatch is only 1.3%. It is assumed that the nanoparticles can adjust their structure to minimize surface stress.
Structural models
The interface formation was modelled in two steps. First, the distance (Z) between the two slabs was numerically optimized starting from Z = 10Å. The lattice parameters of this mixed structure were set to the average value of the two systems a ≡ b = 13.0Å. In a second step the lattice parameter a was optimized taking the optimized value of Z. The optimized values of Z and a were 5.0 and 12.4Å, corresponding to a substantial lateral contraction of 3-4%. In order to confirm that there was no introduction of artefacts due to the optimization procedure, we calculated the defect formation energy of Li A with a lattice constant of a = 13.0Å (using equation (2)). Although the total energies of the defected and the stoichiometric reference model changed dramatically, the calculated defect formation energy only slightly increased from 486 to 489 kJ mol −1 . Our model is infinite in two dimensions but non-periodic in the direction of the surface normal. The atoms in the uppermost and lowest layers are exposed to vacuum. We therefore divided the atomic layers into an interface region and an outer region. The interface region containing 75 atoms is marked with a box in figure 18(a) .
It contains two Li layers and one O layer of the Li 2 O surface and one B layer and two O layers of the B 2 O 3 surface. The Li layer close to the B 2 O 3 surface is denoted as the first layer, the other as the second layer. All atoms in the interface region are fully relaxed after optimization of the inter-layer distance Z and the lattice parameter a. The remaining atoms in the outermost layers are kept fixed at bulk-like positions in order to simulate the inner part of the nanoparticles. The final optimized structure is shown in figure 18(b) .
To the best of our knowledge, this is the first atomistic model for the interface region between the ionic conductor and the insulator grains. Other metal-oxide interfaces and insulator-insulator oxide interfaces have been studied before with slab models at the DFT level and with classical force fields [138, 139] .
In our model we assumed that (a) Li 2 O and B 2 O 3 nanoparticles have surfaces comparable to crystalline surfaces, and (b) stable contacts between the surfaces are more readily formed if their geometries are as similar as possible. The first assumption is justified by experimental studies of oxide nanoparticles demonstrating that even particles with only a few nanometre diameter have approximately bulk-like atomic structure [1] . In recent scanning tunnelling microscopy studies [140] , it was shown that anatase nanoparticles have well-defined surface planes. Regarding the second assumption, there are of course many ways in which different surfaces of the two oxides can be combined. However, it is reasonable to assume that the selected building principle leads to a representative model of the nanocomposite system which is general enough to be applied in the present case and also for other combinations of oxides.
As a main result of the optimization, we observe the formation of a new boron-oxygen bond in the interface region. One of the oxygen atoms of the Li 2 O surface (marked by an arrow in figure 18(b) ) is pulled out of the surface layer towards a neighbouring boron atom of the B 2 O 3 surface. Lithium atoms have two different types of coordination with oxygen atoms in the interface region. As a consequence of this dislocation, the coordination of a Li atom in the second layer is reduced from four to three (Li A in figure 19 ). The remaining four-fold coordinated Li atoms in the second layer are denoted as types D, E and F. The three-fold coordinated lithium atoms of the first layer (B, C and G in figure 19 ) do not change their coordination.
Defects
It is assumed that the reduced Li coordination and geometrical distortion due to the movement of the oxygen atom affects the energetics of defect formation in the interface region. This was investigated by calculating the lithium vacancy defect formation energy E de (V) for types A-G, and the Frenkel formation energy E Fr for representative Li atoms (types A and B) in the interface region.
In [15] and also with available experimental data [34] . E de (V) varies from 486 to 570 kJ mol −1 for the lithium types considered in the interface model. As expected, the defect formation energy for Li(A) with reduced coordination is the smallest (486 kJ mol −1 ). Also the other three-fold coordinated lithium atoms B, C and G in the top layer have smaller defect formation energies (490, 498 and 531 kJ mol −1 , respectively) than the four-fold coordinated lithium atoms D, E and F in the second layer (550, 543 and 570 kJ mol −1 , respectively). Li(B) and Li(C) are closer to the dislocated oxygen than Li(G) and correspondingly their bond strengths are smaller.
For all the considered sites the formation of an empty Li lattice site. Due to the different references, the absolute values of E Fr are much smaller than those of E de (V). The two defect types can be regarded as extreme cases of real lattice defects, where the dislocated Li is close to the vacancy (Frenkel defect) or at infinite distance (hole vacancy).
Li migration
In our theoretical investigation [9] , we have performed calculations of activation barriers for hopping processes between regular lattice sites. As in the case of a Li 2 O (111) surface, Li migration may occur from a tetrahedral site to a cation vacancy which is three-fold coordinated to oxygen atoms, or vice versa. Another possibility is a hopping process between an occupied and an unoccupied three-fold coordinated site of the first layer. In both cases, one or two oxygen atoms are shared by the migrating Li + and the cation vacancy. Spin polarization plays an important role for the Li + migration. It was observed that the unpaired electron, created due to the cation vacancy, is localized on the 2p orbital of one of the surrounding oxygen atoms. The same situation was observed for the Li + diffusion in crystalline Li 2 O [10, 15] and Li 2 B 4 O 7 [17] . In figure 20 , selected lithium atoms are labelled to represent possible migration pathways for the Li + movement in the interface of Li 2 O:B 2 O 3 nanocomposite. As possible starting points, we selected two representative Li atoms, the second-layer Li(A) which becomes three-fold coordinated due to the dislocation of one oxygen, and the first-layer Li(G) which is at a large distance (6.45Å) from the dislocated oxygen. Migration of Li + can occur in a zig-zag pathway, via hopping from site A ↔ B, A ↔ C, A ↔ E, G ↔ B, G ↔ C1, or G ↔ E1. Alternatively, migration can occur straight along the x direction (A ↔ D or G ↔ D1), or along the y direction (A ↔ F or G ↔ F1).
The calculated values for the activation energy, E A , for all considered possible migration pathways are presented in table 22 .
Their smaller activation energies (0.1-1.2 eV) indicate that the zig-zag pathways are more suitable than the migrations along straight lines, along either the x direction (E A = 1.4-2.0 eV) or the y direction (E A = 1.7-2.7 eV). Several calculated values of E A , e.g. for the processes B → A (0.10 eV) and C1 → G (0.22 eV), are much smaller than the experimental E A of nanocrystalline Li 2 O, 0.31 eV [1] . They are also smaller than the measured activation enthalpies in Li 2 O:B 2 O 3 nanocomposites (0.34 ± 0.04 eV [3] ) and in Li 2 O:Al 2 O 3 nanocomposites (0.30 ± 0.02 eV [6] ). However, it has to be taken into account that in these experiments an average over the manifold of local hopping processes is obtained. Since the measurements have been performed at 300-500 K, it can be assumed that activation energies larger than 1 eV cannot be overcome in the time scale of NMR experiments. This excludes all straight pathways and also some of the zig-zag pathways. The average of the remaining nine calculated activation energies is 0.28 eV, in close agreement with the reported experimental values.
Summary and conclusions
The energetics, structural relaxation, electronic properties, defect properties and ionic diffusion of (Li 2 O) x (B 2 O 3 ) 1−x (x = 0.33, 0.5 and 1.0) compounds and at the interfaces Comparison of available experimental data shows that the deviation of the calculated bandgaps from experiment is less than 1.0%. The deviations of the calculated structural properties and energetics from the experiment are less than 1.5% and 0.5% respectively with this method. The comparison of two proposed structures, P3 1 21 and P3 1 , of crystalline B 2 O 3 shows that the structure with P3 1 21 space group symmetry is the global minimum.
In accordance with previous quantum-chemical studies, it was found that the (111) surface is thermodynamically the most stable surface of Li 2 O. Surface relaxation is more pronounced for the (110) surface compared to the (111) surface. The bandgaps for both surfaces are reduced with respect to the bulk due to the presence of surface excitons. By comparing the structures and energetics of some selected low-index surfaces ((101), (111), (100) and (001)) of B 2 O 3 , we conclude that the most stable surface is (101) . The surfaces have occupied surface states slightly above the VB top, even for the optimized (101) surface where no dangling bonds are present.
Defect properties were investigated by calculating the defect formation energy, structural relaxation and electronic properties such as DOSs for the defective supercells. It was observed that the relaxation around the cation vacancy is mainly restricted to the first-and second-nearest-neighbour atoms for all the systems, which is not surprising taking into account the ionic nature of the Li-oxygen bond. The analysis of electronic properties showed that the Li + ion vacancy introduces an extra unoccupied level below the bottom of the conduction band. The structural relaxation around the F centre in Li 2 O is rather short-ranged. It is restricted to the first-nearest-neighbour atoms. The removal of a neutral oxygen leads to the formation of a doubly occupied defect level above the valence band.
The comparison of an isolated cation vacancy and a cation Frenkel defect in the bulk and in the most stable (111) surface of Li 2 O was performed. The calculated defect formation energy for the Li 2 O surface (539 kJ mol −1 ) is significantly smaller than the corresponding value for the bulk (576 kJ mol −1 ). The effect is even more pronounced for the cation Frenkel formation energy, which is 151 kJ mol −1 for the (111) surface and 244 kJ mol −1 for the bulk. We therefore conclude that the defect concentration in the (111) surface is larger than in the bulk.
The ion conductivities of the Li 2 O bulk and (111) surface, LiBO 2 bulk and Li 2 B 4 O 7 bulk were investigated by calculating the activation energies (E A ) for local hopping processes. Our calculated E A values of 0.33 eV (Li 2 O bulk), 0.25 eV (Li 2 O(111) surface), 0.43-0.55 eV (LiBO 2 bulk) and 0.37 eV (Li 2 B 4 O 7 bulk) are in good agreement with the experimental data. Our investigation reveals various different local hopping mechanisms for all the considered systems. In Li 2 O bulk, the migration of a Li + ion occurs in an almost straight line, whereas in the surfaces of Li 2 O, the most likely mechanism for Li + migration is in a zig-zag pathway rather than in a straight line along a direction parallel to the surface plane. In LiBO 2 , Li + ion migration can occur along the c direction and in the xy plane, with a slight preference for Li diffusion in the plane. In Li 2 B 4 O 7 , the Li + migrates through a one-dimensional channel of five-vertex oxygen polyhedra along the tetragonal axis.
On the basis of all these theoretical studies, we have developed an atomistic model of nanocrystalline nanocomposite materials. We propose that nanocomposites of ionic compounds (containing weakly bound and therefore mobile cations) with highly covalent compounds (with strong metal-or nonmetal-oxygen bonds) are in general promising candidates for high ionic conductivity.
Our model calculations show that the most likely mechanism for Li + migration is in a zig-zag pathway rather than in a straight line along a direction parallel to the interface plane, as in the case of Li 2 
